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Growth and properties of hexagonal boron
nitride (h-BN) based alloys and quantum wells

Q W Wang, J Li, J Y Lin and H X Jiang

20.1 Introduction and unique properties of h-BN
Due to its extraordinary physical properties, layered structure, quasi-2D nature, and
bandgap of about 6.5 eV, hexagonal boron nitride (h-BN) possesses promising rich
novel properties. Currently, AlN is the best known deep UV semiconductor material
with a comparable bandgap (∼6.1 eV) to h-BN. Several unique features of h-BN in
comparison to AlN are of immense interest for novel device exploration and can be
summarized as follows.

Ability to enable novel flexible devices with versatile form factors. Significant
progress in epitaxial growth using metal–organic chemical vapor deposition
(MOCVD) for producing thick h-BN epilayers has been made in recent years
[1–7]. When the thickness exceeds ∼30 μm, after growth and during cooling down an
h-BN epilayer tends to automatically separate from the sapphire substrate due to its
unique hexagonal (layered) structure and the difference in thermal expansion
coefficients between the h-BN and sapphire substrate [1–7]. As shown in figure 20.1,
free-standing h-BN epilayers can be sliced into varying shapes and tiled together to
form arrays, and are flexible with good conformability and transferability. Devices
based on free-standing h-BN epilayers can be attached to rigid, flat, or curved
surfaces. As such, these materials potentially offer a disruptive platform to design a
wide range of photonic and electronic devices in flexible form factors.

High optical emission efficiency. As shown in figure 20.2(a), in comparison with
AlN, the full width at half maximum (FWHM) of the x-ray diffraction (XRD)
rocking curve of the h-BN (0002) diffraction peak is ∼380 arcsec [8], which is 5–8
times broader than that of high quality AlN epilayers deposited on c-plane sapphire
(around 60 arcsec) [9]. The FWHM of the XRD rocking curve of h-BN is
comparable to those of typical GaN epilayers deposited on c-plane sapphire (around
290 arcsec) [10]. In III-nitride materials, it is well known that the FWHM of XRD

doi:10.1088/978-0-7503-2516-5ch20 20-1 ª IOP Publishing Ltd 2020



rocking curves is correlated with the density of dislocations [9–12]. In the case of
h-BN with a layered structure, the FWHM could also reflect the presence of
misalignment between layers, turbostratic (t-)phase layers, or variations in the
c-plane orientation of individual layers within h-BN, stacking faults, and native and
point defects. However, despite the fact that the crystalline quality of h-BN is poorer
than that of AlN, the photoluminescence (PL) emission intensity of the band-edge
transition in h-BN epilayers is generally more than two orders of magnitude higher
than that of AlN epilayers with a comparable thickness [13, 14]. Note that the PL
spectra shown in figure 20.2(b) are multiplied by a factor of 1/10 for h-BN and by 10
for AlN, respectively. These results imply that h-BN deep UV devices could
potentially be even more efficient than AlN. This high emission efficiency is in
part due to the quasi-2D nature of h-BN [13].

TE versus TM mode. It is well known that the band-edge emission in AlN and
high Al-content AlGaN is dominated by the transverse-magnetic (TM) polarization
mode due to the unique band structure of AlN [15, 16]. However, the TE mode is
generally preferred for optoelectronic device applications because this mode allows
for surface emitting light emitting diodes (LEDs) and is associated with a lower
threshold and higher optical gain and lasing beam quality for laser diodes (LDs).

(a) (b) (c)

Figure 20.1. Optical images of free-standing (FS) h-BN epilayers of 50 μm in thickness: (a) an FS h-BN
epilayer displays flexibility, (b) an FS h-BN epilayer cut into small pieces, and (c) small pieces of FS h-BN
epilayers grouped to form a large array.
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Figure 20.2. (a) Comparison of XRD rocking curves of the (0002) reflection peaks between h-BN and AlN
epilayers (after [8]). (b) Comparison of DUV PL spectra between h-BN and AlN epilayers measured at 300 K
(after [13] and [14]).
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Figure 20.3 compares the polarization-resolved band-edge PL emission spectra of
h-BN and AlN epilayers measured at 10 K [13, 14]. The PL emission spectral
lineshape for h-BN shown in figure 20.3(a) for the configuration with emission
polarization along the crystal c-axis (Eemi//c) is observed to be very similar to that in
the (Eemi⊥c) configuration. However, the emission intensity is about 1.7 times
stronger in the (Eemi⊥c) configuration, which is in sharp contrast to the polarization-
resolved PL spectra of AlN shown in figure 20.3(b). However, the emission
polarization of h-BN is the same as that of GaN [16–18]. The results clearly reveal
that the band-edge emission in h-BN is predominantly transverse-electric (TE)
polarized and agree with theoretical calculation results [13]. Due to the combination
of the TE mode, large exciton binding energy, and 2D nature, h-BN light emitting
devices are expected to be very efficient and h-BN based deep UV lasers should
perform better than AlN based deep UV lasers.
2D versus 3D. Having a layered structure, h-BN is a quasi-2D material, whereas AlN

is a 3D material. It was demonstrated that the strong optical transitions in h-BN partly
originates from the unusually strong p → p-like transitions due to its quasi-2D nature,
giving rise to a very high density of states near the band edge [13]. Furthermore, the
above band-edge optical absorption coefficient is around 7 × 105 cm−1 for h-BN [19, 20]
in comparison to 2 × 105 cm−1 for AlN [21, 22]. This is also due to the quasi-2D nature
of h-BN in which each layer absorbs 2.3% for the above bandgap photons [19].

Improved p-type conductivity control over AlN. Although Al-rich AlGaN ternary
alloys and AlN have been the default choice for the development of LEDs and LDs
operating at wavelengths below 300 nm, the highly resistive nature of p-layers leads
to very low hole injection efficiency and hence low quantum efficiency (QE). The
poor p-type conductivity of Al-rich AlxGa1−xN alloys is the major obstacle that
limits the QE of deep ultraviolet (DUV) light emitting devices. This problem is due
to the deepening of the Mg acceptor level in AlxGa1−xN with increasing x, from
about 170 meV (x = 0) to 530 meV (x = 1) [23–26]. Since the free hole concentration
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Figure 20.3. Comparison of polarization-resolved low temperature (10 K) band-edge PL spectra between (a)
the h-BN epilayer and (b) AlN epilayer, with the emission polarization parallel (Eemi//c) and perpendicular
(Eemi⊥c) to the c-axis (after [13] and [14]). The PL measurement configuration is depicted in the inset and the
excitation laser line is polarized in the direction perpendicular to the c-axis (Eexc⊥c).
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depends exponentially on the acceptor energy level (Ea), an Ea value around 500
meV translates to only 1 free hole for roughly every 2 billion (2 × 109) incorporated
Mg impurities (at 300 K). This causes an extremely low free hole injection efficiency
into the quantum well (QW) active region and is a major obstacle for the realization
of high-performance AlGaN-based DUV emitters. Significant advances in the QE of
DUV emitters will require the exploitation of disruptive device concepts. It was
shown that a much lower p-type resistivity can be achieved in h-BN than in AlN. A
p-type resistivity of ∼2 Ω cm at 300 K byMg doping has been demonstrated in h-BN
[23, 27, 28], which is about five to six orders of magnitude lower than what has been
possible for Mg doped AlN (>105 Ω cm) [24]. A p-BN/n-AlGaN heterostructure, as
schematically shown in figure 20.4(a) [23, 29], has been explored for deep UV device
applications and can be further improved to tackle the p-type conductivity issue in
DUV emitters based on high Al-content AlGaN. More recently, very promising
results have been demonstrated for AlGaN nanowire based DUV LED structures,
as illustrated in figure 20.4(b), by utilizing h-BN as a p-type current injection
layer [30].

Huge exciton binding energy. The calculated exciton binding energy in 2D h-BN is
huge and ranges from 0.71 to 0.76 eV [13, 31–33]. Experimentally, from the
temperature dependence of the exciton decay lifetime, an exciton binding energy
of ∼740 meV and a small exciton Bohr radius of ~8 Å have been indirectly deduced
[34]. Photocurrent excitation spectroscopy has also been utilized to directly probe
the fundamental band parameters of h-BN. As shown in figure 20.5(a), transitions in
a photoexcitation spectrum obtained at a fixed bias voltage corresponding to the
direct band-to-band, free excitons, and impurity bound excitons have been directly
observed. From the observed transition peak positons, the room temperature
bandgap (Eg ∼ 6.42 eV) and binding energy of excitons (Ex ∼ 0.73 eV) were directly
measured and a band diagram has been constructed as shown in figure 20.5(b) [35].
This exciton binding energy is about one order of magnitude larger than the
well-known very large exciton binding energy in AlN [36–39] and is likely the largest
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Figure 20.4. (a) Schematic of a DUV LED layer structure incorporating p-type h-BN. The wide bandgap
p-type h-BN serves as a natural electron-blocking (e-blocking), hole injection and p-type contact layer. The
approach is based on h-BN’s unique band-edge alignment with AlGaN, improved p-type conductivity over
AlN and transparency to DUV photons (after [23] and [29]). (b) A 210 nm deep UV LED fabricated from
p-type h-BN/n-AlN nanowire heterostructure. Reproduced with permission from [30]. Copyright 2017
American Chemical Society.
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in inorganic 2D semiconductors. This huge binding energy is expected to have large
consequences on its applications as light emitting devices.

Low electron affinity. h-BN has a very low or even negative electron affinity,
similar to diamond and appears to be promising as a high-performance electron
emitter material with potential advantages of high power/power density and low
transverse emissivity [20].

Ideal material for h-BN/graphene heterostructure applications. Due to its similar
in-plane lattice constant to graphene and chemical inertness and resistance to
oxidation, h-BN has been established as an ideal material for the exploration
of van der Waals heterostructures and devices with new physics and applications
[40–43].

Possible host for single photon emitters. More recently, h-BN has emerged as a
promising material to host single photon emitters. More specifically, room temper-
ature stable single photon emissions in a broad spectral range from about 1.65 to
2.2 eV have been observed in tape exfoliated h-BN multilayers as well as in small
h-BN powder and bulk crystals [44–50]. In contrast to the well-studied diamond
material, in which it is generally accepted that NV centers are the origin of single
photon emitters, the physical origin of single photon emitters in h-BN is still a topic
of experimental and theoretical debate [44–51].

Material of choice for solid-state neutron detectors. As shown in figure 20.6(a), the
isotope B-10 is among a few isotopes that can interact with neutrons with a large
capture cross-section (only second to 3He) and has a capture cross-section of about
3840 barns for thermal neutrons (neutrons with an average energy = 25 meV) [52].
As a semiconductor, the density of B atoms in 100% 1°B-enriched BN which can
interact with thermal neutrons is 5.5 × 1022/cm3, which is about 550 times higher
than that in He-3 gas pressurized at 4 atm [1]. This unique property makes h-BN a
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Figure 20.5. (a) Room temperature photocurrent excitation spectrum of a metal–semiconductor–metal
detector consisting of micro-strip interdigital fingers (6 μm/9 μm of width/spacing) fabricated from an h-BN
epilayer measured at a bias voltage = 100 V applied between detector fingers. (b) Energy band diagram
including the room temperature energy bandgap (Eg), the binding energy of a free exciton (Ex), and the binding
energy of an impurity bound exciton (Ebx) in h-BN epilayers constructed from the photocurrent excitation
spectrum shown in (a), neglecting possible effects due to strain (after [35]).
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highly promising material for the fabrication of solid-state neutron detectors [1–7].
As illustrated in figure 20.6(b), the recent achievement of free-standing B-10
enriched h-BN epilayers of large thicknesses (> 50 μm) has enabled the realization
of thermal neutron detectors with an unprecedented record high detection efficiency
among all solid-state detectors at 58% [3, 6]. In comparison to He-3 gas detectors,
BN neutron detectors possess all the intrinsic advantages of semiconductor devices:
light weight, compact size, fast response speed, ease of mass production via
utilization of existing semiconductor manufacturing infrastructures, low cost for
operation and maintenance, flexible form factors, and durability. The price of He-3
gas is also very high because He-3 gas is extremely rare on Earth. Neutron detectors
have applications in many industries including special nuclear material tracking,
nuclear hazard detection, life (water) searching in space, and geothermal and well
logging. Other potential applications of neutron detectors include neutron scattering
experiments for materials research, neutron cameras for neutron radiography for
monitoring metal structures and parts, and for medical applications such as neutron
imaging and boron neutron capture therapy for cancer treatment.
Despite its unique combination of superb properties, as with all other compound

semiconductors, achieving the ability to tune the optoelectronic properties through
alloying and heterojunction formation is highly desirable and will further expand the
usefulness of h-BN. One way to achieve bandgap engineering in h-BN is to form
alloys with GaN, namely GaxB1−xN alloys [53, 54]. Despite the fact that the
equilibrium phases of GaN and BN are wurtzite and hexagonal, respectively, recent
theoretical studies indicated that a 2D hexagonal layered structure is thermodynami-
cally the most stable structure for few-layer nitride semiconductors (GaN, AlN,
InN) [55–57] and the transition from layered structure to wurtzite structure occurs at
eight layers for InN, ten for GaN, and 22 for AlN in the absence of strain [56]. An
alternative approach to realizing h-BN based alloys is to consider the layer-

(a) (b)

Figure 20.6. (a) Neutron capture cross sections as functions of the kinetic energy of neutrons for He-3, B-10,
and Li-6. The green and orange dots indicate, respectively, the cross sections in He-3 and B-10 for thermal
neutrons (neutrons with an average energy of 0.025 eV). (b) Nuclear reaction pulse height spectrum of a B-10
enriched h-BN detector with the device configuration shown in the inset under thermal neutron radiation. The
neutron response was measured by placing the detector at 30 cm away from the 252Cf source moderated by a
one-inch thick high-density polyethylene (HDPE) moderator at a bias voltage of 200V for 15 min. Reproduced
with permission from [3]. Copyright 2018 AIP Publishing.
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structured hexagonal boron nitride carbon semiconductor alloys, h-(BN)C [58–61].
Both h-BN and graphite (C) are layer-structured materials with similar lattice
parameters and crystalline structures. The in-plane a-lattice constant difference is
only about 1.5% between graphite and h-BN. The h-(BN)1−x(C2)x alloy system thus
holds the unique advantages of identical crystalline structure (hexagonal) and
excellent matches in lattice constants, thermal expansion coefficients, and melting
points throughout the entire alloy range. In this chapter, we summarize recent
progress made in terms of MOCVD growth and the understanding of the basic
properties of hexagonal (BN)C and BGaN alloys and heterostructures.

20.2 Prospects of h-BN-based alloys and heterostructures
With the recent progress in achieving h-BN at the wafer-scale using MOCVD
growth, we are now provided with an ideal template to expand the epitaxial growth
technique to produce novel 2D layer-structured h-BCN and h-BGaN alloys,
heterostructures, and QWs. These new material systems are expected to possess
different properties from bulk or epilayer structures with respect to the energy
bandgaps, 2D transport and optical properties. Some of the basic properties that can
be envisioned from h-BGaN based alloys include the following.

Bandgap variation in 2D semiconductors. The energy bandgap variations of these
alloy systems are expected to be very large. Both hexagonal boron nitride (h-BN)
and graphite (C) are layered materials with similar lattice parameters and crystalline
structures. The in-plane a-lattice constant difference is only about 1.5% between
graphite and h-BN, which provides the potential to synthesize layer-structured
h-(BN)1−x(C2)x alloys. The h-(BN)1−x(C2)x alloy system thus holds the unique
advantages of identical crystalline structure (hexagonal) and excellent matches in
lattice constants, thermal expansion coefficients, and melting points throughout the
entire alloy range. Moreover, as schematically shown in figure 20.7(a), this layer-
structured alloy system potentially possesses an extremely large energy gap (Eg)
variation from around 6.5 eV for h-BN to 0 for graphite. From an electrical
properties perspective, this alloy system provides a large range of conductivity
control from highly resistive semiconductors (undoped h-BN) to semi-metal (graph-
ite). The h-(BN)1−x(C2)x alloys in the BN-rich side would complement III-nitride
wide bandgap semiconductors as a layer-structured material system functioning in
the deep UV spectral region. The h-(BN)1−x(C2)x alloys in the C-rich side have the
potential to provide an unprecedented degree of freedom in the design of infrared
(IR) detector and electronic devices. More specifically, the bandgap energy
tunability in the C-rich side could offer IR detectors with cut-off wavelengths
from the short wavelength IR (SWIR: 1–3 μm) to very long wavelength (VLWIR:
14–30 μm) range. Furthermore, C-rich h-(BN)1−x(C2)x alloys would address the
major challenges facing the emerging 2D materials and open up new realms for
novel physical properties and device exploration. On the other hand, with the energy
gaps of h-BN and h-GaN of around 6.5 eV [34, 35] and 4.5 eV [62], respectively, this
layer-structured h-BGaN alloy system appears to offer a large bandgap variation.
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The system also offers the possibility for conductivity control from the highly
insulating semiconductor (undoped h-BN) to conductive GaN and therefore
potentially enables the possibility of monolithic integration of the active layer,
carrier injection layers, dielectric layer, and passivation layers via a single growth
process.

Unique heterostructures and QWs. In h-BN/h-GaxB1−xN/h-BN and h-BN/h-(BN)1
−x(C2)x/h-BNQWs, excitons are confined in the layers in addition to the confinement
provided by h-BN barriers, as schematically illustrated in figure 20.7(b). This unique
property stems from the fact that the wavefunctions of electrons and holes in these
QWs do not extend through the whole well region as in those conventional QWs,
since carriers and excitons are confined in the layers and there is a large potential
barrier between layers. This naturally occurring large quantum confinement may
significantly enhance the collective dipole interaction between the excitons and
photon fields in micro-size cavities.

Possibility for novel detector structures. For 2D layered structures, a single layer
or a few layers are adequate for many applications. However, for certain applica-
tions such as photodetectors, tens of layers may be needed. Other than the quantum
confinement effects resulting from these layered QWs, h-BN can also be used as
separation layers for a single layer or a few layers of h-(BN)1−x(C2)x and h-BGaN by
recognizing the fact that each layer only absorbs 2.3% of incoming light with
energies above its bandgap. Due to the capability for bandgap engineering via
alloying, if successfully realized, these structures have the potential to serve as a
basic building blocks for the construction of emitters and detectors operating from
the DUV to FIR and THz, full spectrum solar cells, and multi-spectral detectors.

Possibility for novel laser structures. Due to the photon–exciton interaction in
semiconductors, there arise new elementary excitations, which are essentially mixed
states of the photon and exciton: excitonic-polaritons. Polaritons can be utilized to
design polariton lasers. In contrast to conventional semiconductor lasers, polariton

Figure 20.7. (a) Comparison of the energy bandgap variation of the a-lattice constant of h-(BN)C alloys with
InGaAlN alloys. (b) Schematic of the band structure of a h-BN/h-GaxB1−xN/h-BN or h-BN/h-(BN)1−x(C2)x/
h-BN QW with five well layers of h-GaxB1−xN or h-(BN)1−x(C2)x, in which carriers are confined in the
h-GaxB1−xN or h-(BN)1−x(C2)x layers in addition to the confinement provided by h-BN barriers.
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lasers have very low threshold current because polariton lasing involves only the
spontaneous emission of coherent light of an exciton–polariton condensate and does
not rely on population inversion. In recent years, there has been intense interest in
understanding polaritons and developing room temperature polariton lasers using
wide bandgap semiconductors [63, 64]. In wide bandgap semiconductors, the exciton
binding energy and oscillator strength are large enough such that polariton
condensation and lasing at visible to ultraviolet wavelengths can survive at 300 K.
Due to a very strong collective dipole interaction between the QW excitons and
microcavity photon fields, even with a relatively low-Q cavity, the planar micro-
cavity system is expected to feature a reversible spontaneous emission and thus
normal-mode splitting into upper and lower branches of polaritons, spectrally
separated by the Rabi splitting energy ℏΩ. The exciton oscillator strength f is
written as

ω
π

= *
ℏ

·f
m

u r e u
v
a

2
. (20.1)v c

2

B
3

Here m* = (me
−1 + mh

−1)−1 is the effective mass of the exciton, me (mh) is the
effective mass of the electron (hole), ω is the frequency of photons, ∣uc〉 and ∣uv〉 are
the electron and hole Bloch wavefunctions, V is the quantization volume, and aB is
the Bohr radius of the exciton. The binding energy (EB) of the ground exciton state is
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where ε is the crystal’s dielectric constant, e is the electron electric charge, h is
Planck’s constant, μ is the exciton reduced mass μ = εmoao/aB, ao = 0.53 Å is the
Bohr radius of the hydrogen atom, and mo is the mass of free electron. The ratio V/
πaB

3 reflects the oscillator strength enhancement due to enhanced electron–hole
overlap in an exciton compared to an unbound electron and hole pair. This ratio is
very large, i.e. the exciton oscillator strength is much larger in wide bandgap
semiconductors which have larger exciton binding energies or smaller exciton Bohr
radii than those in small bandgap semiconductors. The exciton binding energy of
about 740 meV in h-BN is at least one order of magnitude larger whereas the exciton
Bohr radius of ∼8 Å in h-BN is much smaller than those in the other well-known
wide bandgap semiconductors, GaN, ZnO, and AlN. It is further noted that the
predicted exciton binding energy in a single h-BN layer (or h-BN single sheet) is as
large as 2.1 eV [32]. Moreover, h-BN is also a natural hyperbolic material with a
strong uniaxial anisotropy, in which the transverse and longitudinal permittivities
(the real parts) have opposite signs [65] and hence it is likely to enable many novel
applications. However, developing h-BN based alloys and QWs structures such as
those shown in figure 20.7(b) is necessary to enable carrier injection from the barrier
into the well regions and practical current injection devices.
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20.3 Epitaxy growth and properties of h-BGaN alloys and QWs
BGaN and BAlN in the wurtzite (WZ) phase have attracted considerable interest for
UV material and device applications, as these alloys potentially offer the ability of
tuning the bandgap energy from the blue to deep UV spectral region as well as
providing an improved lattice match with SiC substrates [66–69]. Significant
progress has been made recently in realizing BxAl1−xN epitaxial layers in single
WZ phase by MOCVD [70, 71]. Similarly, a majority of theoretical studies have also
focused on the WZ phase BGaN and BAlN alloys [72–74].
Theoretical and experimental studies on the synthesis and structural stability of

BGaN alloys in the hexagonal phase are scarce. Most recently, an empirical bond-
order potential (BOP) with the aid of ab initio calculations has been applied to
investigate the structures and miscibility of BxAl1−xN and BxGa1−xN alloys [75, 76].
Table 20.1 shows the calculated equilibrium bond length re and the cohesive energy
Ecoh of BN and GaN for free-standing hexagonal (Hex), wurtzite (WZ), and zinc
blende (ZB) structures. Figure 20.8(a) shows the cohesive energy differences between

Table 20.1. Calculated cohesive energy Ecoh and equilibrium bond length re for Hex, WZ, and ZB structures in
BN and GaN. Adapted from [76]. Copyright 2019 The Japan Society of Applied Physics.

Material Structure Ecoh (eV atom
1) re (Å)

BN Hex −6.944 1.48
WZ −6.796 1.57
ZB −6.813 1.57

GaN Hex −4.261 1.90
WZ −4.677 1.96
ZB −4.673 1.96

 

 

(a) (b)

Figure 20.8. (a) Cohesive energy difference with respect to the cohesive energy of the hexagonal (Hex)
structure for BxGa1−xN alloys as a function of boron composition, x. Positive values indicate that the wurtzite
(WZ) and zinc blende (ZB) structures are more stable than the Hex structure. (b) Excess energy of BxGa1−xN
alloys as a function of boron composition, x. The triangle, circle, and squares represent the excess energies of
the Hex, WZ, and ZB structures. Reproduced with permission from [76]. Copyright 2019 The Japan Society of
Applied Physics.
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Hex and WZ structures as well as between Hex and ZB structures for BxGa1−xN
alloys as functions of boron composition x. The energy differences were calculated
using ΔE(Hex-WZ) = E(Hex) − E(WZ) and ΔE(Hex-ZB) = E(Hex) – E(ZB), where
E(Hex), E(WZ), and E(ZB) denote the cohesive energies of alloys with Hex, WZ,
and ZB structures, respectively. As shown in figure 20.8(a), the calculated energy
differences are positive for boron compositions <0.93, meaning that the formation
of BxGa1−xN alloys in the hexagonal phase in the range of boron compositions less
than 0.93 (or Ga compositions greater than 7%) is energetically unfavorable.
However, figure 20.8(a) shows that the calculated energy differences sharply become
negative values and clearly revealed that for the boron composition ⩾0.93 (or for Ga
compositions ⩽7%) the hexagonal structure can be stabilized in free-standing (BN)-
rich BGaN alloys [75, 76]. The authors attributed this effect to the small energy
difference among Hex, WZ, and ZB structures in BN of ∼0.13 eV atom−1.
Figure 20.8(b) shows the calculated excess energy ΔEex of the BxGa1−xN alloy as
a function of boron composition x, where the excess energy of the BxGa1−xN alloy is
given byΔEex = E(BxGa1−xN) − {xE(BN) + (1 − x)E(GaN)}. The calculated excess
energies of BxGa1−xN alloys in WZ and ZB structures, shown in figure 20.8(b), are
lower than those in Hex structure. The calculation results shown in figure 20.8(b)
therefore indicate that the miscibility of BxGa1−xN alloys with hexagonal structure
is lower than that with WZ and ZB structures due to the relaxation of atoms within
in-plane directions in the hexagonal structure. In particular, the calculation results
revealed that the ZB structure tends to stabilize over a wide boron composition
range for BxGa1−xN alloys [75, 76].
Experimentally, it has been observed that a few layers of ZnO grown on Ag(111)

substrates indeed crystallize into a graphitic or hexagonal BN (h-BN) structure
instead of the equilibrium wurtzite structure [77]. The synthesis of 2D GaN has been
recently demonstrated via a migration-enhanced encapsulated growth technique
utilizing epitaxial graphene [62]. However, the hexagonal phase has not been
experimentally observed in free-standing III-nitride semiconductors (AlN, GaN,
InN, and their alloys) or deposited on a substrate prior to recent works [53, 54].
Epitaxial growth of hexagonal phase (BN)-rich GaxB1−xN alloys (h-GaxB1−xN) has
been attempted only recently via an MOCVD technique by utilizing the h-BN
epilayer as a template to promote the crystallization of BGaN alloys into the
hexagonal phase [53, 54]. The results presented in the sub-sections below are based
on these recent published results.

20.3.1 Epitaxial growth of h-GaxB1−xN alloys

For the epitaxial growth of hexagonal phase (BN)-rich GaxB1−xN alloys by
MOCVD, triethylboron (TEB), ammonia (NH3), and trimethylgallium (TMGa)
were used as precursors for B, N, and Ga, respectively, and hydrogen as a carrier gas
[53]. Prior to the deposition of h-BGaN, a 10 nm thick h-BN epilayer was first
deposited on c-plane sapphire substrate at 1300 °C to serve as a template. Because
GaN tends to decompose above 1200 °C, a growth temperature of 1225 °C was
chosen for h-BGaN alloys in order to accommodate the incorporation of Ga while
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retaining a reasonable crystalline quality. The alloy composition was controlled via
the variation of the TMGa flow rate (RTMG) while keeping both the TEB and NH3
flow rates constant.
The XRD θ–2θ scans for h-BGaN alloys grown under different TMGa flow rates

(RTMG) shown in figure 20.9(a) all exhibit diffraction peaks near 26°, which are close
to that of the h-BN (0002) diffraction peak. The results thus confirmed that these
alloys have been crystallized into the hexagonal phase. Consequently, the corre-
sponding c-lattice constants of h-BGaN alloys can be calculated based on the
measured θ–2θ peak positions as summarized in figure 20.9(b), revealing an onset
point occurring at RTMG = 4 sccm. Figure 20.9(b) indicate that the c-lattice constant
of h-BGaN increases from 6.85 Å to 6.94 Å as RTMG was increased from 0 to 4 sccm.
No further increase in the c-lattice constant was noticeable when RTMG was
increased beyond 4 sccm. As the theoretically calculated a-lattice constant of single
layer h-GaN is a = 3.21 Å [2], h-BGaN epilayers grown on h-BN templates are
expected to undergo a compressive strain. Therefore, an increase in the inter-plane
distance (c/2) is expected with the incorporation of Ga. Moreover, it interesting to
note in figure 20.9(b) that the XRD θ–2θ peak intensity as a function of TMGa flow
rate (RTMG) exhibits an initial rapid decrease followed by almost no change, with the
onset point also occurring at RTMG = 4 sccm, corroborating the dependence of the
c-lattice constant on RTMG.
Since XRD θ–2θ scans provide information concerning the c-lattice constants and

there are no available data for the c-lattice constant of h-GaN, the well-established
Vegard’s law cannot be applied to determine the composition of Ga in h-BGaN
alloys. Instead, the Ga composition in h-GaxB1−xN alloys were determined by x-ray
photoelectron spectroscopy (XPS) measurements. Figure 20.9(c) plots the depend-
ence of x in h-GaxB1−xN alloys on RTMG utilizing the Ga compositions obtained

23 24 25 26 27 28

15

10 
7
4
2
1

h-BN

In
te

ns
ity

 (a
.u

.)

2θ (deg.)

2θ
 (d

eg
.)

0

(a)
0 5 10 15

25.4

25.6

25.8

26.0

26.2

(b)

0.680

0.685

0.690

0.695

0.700

c 
(n

m
)

0 5 10 15 20
0.00

0.02

0.04

0.06

0.08
 Raw data

(c)

Fitted curve

185 190 195 200

In
te

ns
ity

 (a
.u

.)

190.6 (B 1s)

392 394 396 398 400 402 404

398.3 (N 1s)

14 16 18 20 22 24 26 28
Binding energy (eV)

18.6 (Ga 3d)

c-plane sapphire

h-BN (10 nm)
h-BGaN(20 nm)

RTMG (sccm) RTMG (sccm)

x G
a

h-GaxB1-xN

h-GaxB1-xNh-GaxB1-xN

RTMG (sccm)
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from XPS measurement data, which revealed that x in h-GaxB1−xN sharply
increases with RTMG initially followed by a saturation with an onset occurring
again at RTMG ∼ 4 sccm; whereas x versus RTMG can be described by the following
equation [53]:

= − −x x R A[1 exp( / )], (20.3)0 TMG

where x0 denotes the saturation value of Ga composition and A describes an
exponential dependence of x in h-GaxB1−xN with RTMG. The least squares fit
between the experimentally measured Ga compositions with equation (20.3) yielded
a saturation value for the Ga composition of x0 = (7.2 + 0.2) % and A = 2.14 + 0.17
sccm. The Ga composition saturation behavior shown in figure 20.9(c) is consistent
with the observed onset behavior exhibited in the dependence of the XRD intensity
and c-lattice constant on the TMGa flow rate shown in figure 20.9(b).
The observation of the onset point occurring at RTMG = 4 sccm suggests that only

a limited fraction of GaN, up to ∼7.2%, can be incorporated into h-BN [53]. Since
the temperature employed for the growth of h-BGaN alloys of 1225 °C is higher
than the decomposition temperature of GaN, it is plausible to attribute the Ga
composition saturation to GaN decomposition at high growth temperature [53, 54].
However, the calculation results shown in figure 20.8(a) clearly revealed that the
hexagonal structure can be stabilized in free-standing (BN)-rich BGaN alloys only
for a B composition greater than 93% or equivalently for a Ga composition x ⩽ 7%
[75, 76]. In fact, the experimentally observed Ga saturation composition in
h-B1−xGaxN of x0 ∼ 7.2% [53] is in perfect agreement with the theoretical prediction
of the critical Ga composition of ∼7%, as illustrated in figure 20.8(a) [75, 76]. It is
interesting to note that the theoretical prediction is made for free-standing
h-B1−xGaxN [75, 76], whereas the MOCVD grown layers were deposited on h-BN
epilayer templates [53, 54]. Another interesting observation is that the theoretical
calculation suggested that the use of AlN or GaN substrate promotes B1−xGaxN
alloys to crystalline into the ZB and WZ phase owing to the large cohesive energy of
BN with the lattice constraint of the WZ-AlN or WZ-GaN substrate [75, 76]. This
also explains the fact that experimentally the use of h-BN templates is necessary to
promote the crystallization of h-B1−xGaxN alloys into the hexagonal lattice [53, 54].
Since undoped h-BN is highly insulating and unintentionally doped GaN is

usually conductive, one expects that the conductivity of the h-B1−xGaxN alloy
system increases with an increase in x. Indeed, the measured electrical resistivity
values for h-BGaN were ρ ≈ 5 × 101°, 5 × 106, and 2 × 106 Ω · cm for x = 0, 0.045,
and 0.07, respectively, corresponding to an enhancement in the electrical conduc-
tivity of four orders of magnitude as the Ga composition in h-B1−xGaxN was
increased from 0 to 0.07. This ability to control conductivity is expected to be very
useful for certain device applications [53].

20.3.2 Growth of h-BGaN QWs and photoluminescence emission properties

With the baseline for the growth of h-BGaN epilayers established, the growth of an
h-BN/GaxB1−xN/BN QW was attempted [53]. As for the growth of h-BGaN
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epilayers, prior to the deposition of a 2 nm thick h-BGaN QW, a 10 nm thick h-BN
epilayer was first deposited on a c-plane sapphire substrate at 1300 °C to serve as a
template as well as the bottom barrier layer. To avoid GaN decomposition in the
well region, the growth temperature of the well and the top h-BN barrier was set to
be the same as that of the h-BGaN epilayers at 1225 °C. A 2 nm thick h-BGaN
epilayer without the top h-BN barrier was also grown as a reference for direct
comparison. The targeted GaN fraction in the well region and in the reference
h-BGaN epilayer was ∼4%. The layer structures of the h-BN/GaxB1−xN/BN QW
and the reference h-GaxB1−xN epilayer are schematically shown in figure 20.10.
Figure 20.10 presents the low temperature photoluminescence spectra for the (a)

h-BN/BGaN/BN QW and (b) h-BGaN reference epilayer. The dominant peaks
around 4 eV are due to the recombination of a donor–acceptor pair and its phonon
replicas involving the 200 meV longitudinal optical phonon mode [78–80], whereas
the band-edge emission line near 5.55 eV in the h-BGaN alloy can be attributed to
the recombination of bound excitons (or self-trapped excitons) [14, 78–81]. One of
the distinctive features exhibited by the PL spectra of both the h-BN/BGaN/BN QW
and h-BGaN reference epilayer is a pair of very sharp band-edge transition lines with
an energy separation of exactly 170 meV (at 5.57 and 5.4 eV for h-BN/BGaN/BN
QW and at 5.55 and 5.38 eV for the h-BGaN reference epilayer). This observed
energy separation matches perfectly with the phonon energy of the E2g symmetry
vibration mode in h-BN Δ( σ − 1371 cm−1) [82]. The PL results thus suggest that the
5.38 eV (5.40 eV) emission line is the one-phonon replica of the 5.55 eV (5.57 eV)
zero-phonon line. Since the E2g symmetry vibration mode corresponds to the in-
plane stretch of B and N atoms, the observation of a pronounced phonon replica line
involving E2g symmetry vibration mode corroborates the XRD results shown in
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figure 20.9(a) and further confirms that BN/BGaN/BN QW and BGaN epilayers
have been crystallized into the hexagonal phase with a reasonable layered structure.
In comparison, the PL spectral line shapes of the 2 nm thick h-BGaN epilayer and

2 nm h-BGaN QW are quite similar. However, a careful inspection reveals that both
the band-edge emission and its phonon replica lines in h-BGaN QW were slightly
blue shifted by ∼20 meV with respect to those in the h-BGaN epilayer. This seems to
suggest that a layer-structured QW has been successfully synthesized. Moreover, the
results revealed that the formation of h-BN/BGaN/BN QW induces a quantum
confinement effect, as in the conventional QWs. However, due to the larger exciton
binding energy (∼0.7 eV) [31–35] and smaller exciton Bohr radius (∼ 0.1 nm) [34] in
h-BN (and hence in B-rich h-BGaN), the confinement effect in h-BGaN QW is
expected to be less visible in PL emission spectra than in more conventional QWs
(e.g. GaN/AlN) with the same well width. However, h-BN barrier layers are
necessary to facilitate carrier injection. These layer structures and the results shown
in figures 20.9 and 20.10 provide a foundation for the further development of
h-BGaN QW-based optoelectronic devices.

20.3.3 Probing the critical thickness and phase separation effects in h-GaBN/BN
heterostructures

Despite the fact that the equilibrium phases of GaN and BN are wurtzite and
hexagonal, respectively, the results described in the previous sub-sections demon-
strated the successful synthesis of GaxB1−xN alloys as well as h-GaxB1−xN/BN QWs
in the hexagonal phase using MOCVD, with a maximum incorporation of Ga
composition up to ∼7.2% at a growth temperature of 1225 °C [53]. This exper-
imentally observed maximum Ga composition in h-GaxB1−xN agrees perfectly with
the theoretical calculation results of ∼7% [75, 76]. The agreement between
experimental and calculation results seems to suggest that GaN decomposition at
relatively high growth temperatures is not a factor which limits the maximum Ga
composition in h-GaxB1−xN, but rather it is the different equilibrium crystalline
phases between BN (hexagonal) and GaN (wurtzite) which limits the incorporation
of Ga in in h-GaxB1−xN. It is desirable to find ways to produce h-GaBN alloys
offering an extended range of variation in the bandgap as well as in the optical and
electrical properties. However, this would require a better understanding of the basic
properties of h-GaxB1−xN/h-BN heterostructures. One of the fundamental issues of
heterostructure epitaxy is the critical thickness. Another correlated and critical issue
is the evolution of the phase separation with the layer thickness.
Two sets of h-GaBN samples with varying h-GaBN thicknesses deposited on

h-BN epi-templates grown under the TMG flow rates of RTMG = 5 and 20 sccm were
synthesized for the investigation of the critical thickness (LC) phenomenon in the
h-GaBN/BN heterostructure system [54]. The layer structure is identical to that
shown in the inset of figure 20.9(b). Based on the results shown in figure 20.9(c), the
TMG flow rates employed were beyond the onset point of RTMG = 4 sccm and hence
the expected Ga contents in h-GaBN layers with varying thicknesses (d ) should be
greater than x0 (≈ 0.072). The microscopy images of a set of samples grown under
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RTMG = 5 sccm are shown in the inset of figure 20.11(a) and the results indicate that
the 6 nm thick h-GaBN layer sample exhibits a very smooth surface. However, the
formation of extra complex features with sizes that increase with the layer thickness
(d ) is clearly observed in films with thicknesses >12 nm. For the film with d = 40 nm,
the size of the extra features becomes quite large with a diameter as large as 50 μm.
XRD θ–2θ scans were employed to assess the crystalline structures of both sets of
samples grown under (a) RTMG = 5 sccm and (b) 20 sccm with different thicknesses
and the results are shown in figure 20.11, covering the spectral range of the wurtzite
(w)-GaN (002) peak between 32° and 38°. An XRD θ–2θ scan of anMOCVD grown
wurtzite (w)-GaN epilayer is included for reference in the top panel of
figure 20.11(a), which exhibits the expected w-GaN (002) peak at 34.5°. As shown
in figure 20.11(a), for the set of samples grown with RTMG = 5 sccm, no w-GaN peak
was observed for d = 6 and 12 nm. However, the w-GaN (002) peak was clearly
resolved at about at 34.7° in thick layers with d = 20 nm and 40 nm. The shift in the
(002) peak position from 34.5° for the w-GaN epilayer to 34.7° for the w-GaN
domains inside h-GaBN alloys is most likely due to the presence of strain in w-GaN
domains. As the thickness (d ) further increases to 40 nm, in addition to the
GaN (002) peak, other diffraction peaks corresponding to w-GaN (010) at 32.5°
and GaN (011) at 36.9° were also observable. For the set of samples grown under
RTMG = 20 sccm, the w-GaN (002) peak was absent only in the sample with d = 2
nm and it starts to appear at d = 4 nm, as shown in figure 20.11(b). The (010) peak

Figure 20.11. XRD θ–2θ scans of h-GaBN/BN heterostructure samples of different layer thickness grown
under (a) RTMG = 5 sccm and (b) RTMG = 20 sccm. For reference, an XRD θ–2θ scan of the (002) peak for a
wurtzite-GaN (w-GaN) epilayer is shown in the top panel of in (a). The inset contains microscopy images of
h-GaBN alloy samples grown under RTMG = 5 sccm with different thicknesses (after [54]).
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and (011) peak of the w-GaN phase were also observed as d further increases to
above 6 nm. Compared with the XRD results of the reference w-GaN epilayer
sample, the XRD results of h-GaBN alloys suggest that the extra features seen in
figure 20.11 are related to the formation of the w-GaN phase inside the h-GaBN
alloy matrix and they are only observable when the h-GaBN layer thickness is
beyond 12 nm in samples grown under RTMG = 5 sccm (figure 20.11(a)) and 2 nm in
samples grown under RTMG = 20 sccm (figure 20.11(b)).
Room temperature PL spectra for these two sets of h-GaBN/BN heterostructure

samples have been measured and are plotted in figure 20.12 for samples grown under
(a) RTMG = 5 sccm and (b) RTMG = 20 sccm. The PL spectrum of a standard w-GaN
epilayer is also included in the top panel of figure 20.12(a) for reference, which
exhibits a strong band-edge emission line in w-GaN at 3.39 eV. For films grown
under RTMG = 5 sccm, the band-edge emission line from the wurtzite phase GaN is
absent for the sample with a thickness of d = 6 nm and a small peak near 3.34 eV
starts to emerge for samples with d > 12 nm. In fact, this emission line at 3.34 eV
becomes rather prominent in the sample with d = 40 nm. We believe that the new
3.34 eV line is the band-edge emission of w-GaN domains inside h-GaBN, which is
redshifted with respect to 3.39 eV observed in w-GaN epilayers. It is reasonable to
attribute the cause of this redshift in the PL emission peak in w-GaN domains with
respect to that of the w-GaN epilayer to the same strain which produced a small shift
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in the XRD (002) peak position of w-GaN domains in h-GaBN alloys with respect
to that of w-GaN epilayer shown in figure 20.11.
For samples grown under RTMG = 20 sccm, the emission line near 3.34 eV related

to w-GaN domains was absent only in the sample with d = 2 nm and becomes the
dominant emission line in the sample with d = 10 nm. PL results for both sets of
samples show that the emission line near 3.34 eV related to w-GaN domains
increases with the h-GaBN thickness (d ) when d is beyond a critical thickness. Thus,
the PL results collaborate the XRD results well. In addition to the band-edge
emission line of w-GaN domains in h-GaBN observed at 3.34 eV, a broad peak near
3.9 eV is believed to be associated with a shallow donor to deep acceptor (DAP)
transition in h-GaBN alloys, as its spectral features and peak position are very close
to a DAP transition in the h-BN epilayers [80].
The XRD and PL results conclusively show that there exists a critical thickness

below which BxGa1−xN alloys of single hexagonal phase can be synthesized. One of
the very surprising observations is the absence of the zinc blende (ZB) GaN domains
inside the h-GaBN alloy matrix, despite the fact that the calculation results revealed
that the ZB structure tends to be stabilized over a wide boron composition range for
BxGa1−xN alloys [75, 76]. Based on the calculation results, one expects a phase
transition between hexagonal and zinc blende to occur when the layer thickness
exceeds the critical thickness. However, the XRD and PL results shown in
figures 20.11 and 20.12 clearly revealed that BxGa1−xN alloy samples contain
only W-GaN domains when their layer thicknesses exceed a critical thickness (LC).
To determine the critical thickness (LC) quantitatively, figure 20.13(a) plots the

w-GaN (002) XRD peak intensity versus the layer thickness of h-GaBN alloys (d )
for (a) RTMG = 5 sccm and (b) RTMG = 20 sccm. The intensity of the w-GaN (002)
peak at 34.7° displays a power law dependence on d when d is beyond ∼6 nm for
RTMG = 5 sccm and ∼2 nm for RTMG = 20 sccm. We believe that the results are
indicative of a phase separation, meaning that w-GaN domains start to form inside
layer-structured h-GaBN alloys when d is beyond a critical layer thickness (LC).
When the h-GaBN film thickness is less than LC, no phase separation occurs. The
relationship between the XRD w-GaN (002) peak intensity (IXRD) and h-GaBN
layer thickness d can be described by

= −I d I d L( ) ( ) . (20.4)n
XRD 0 C

The least squares fit of data with equation (20.4) yielded values of LC = 6.0 nm
and 2.3 nm for the two sets of samples grown with RTMG = 5 sccm and 20 sccm,
respectively, with the other fitting parameters being I0 = 3.0 (1.5), LC = 6.0 nm
(2.3 nm), and n = 2.1 (2.4) for RTMG = 5 sccm (20 sccm). The results shown in
figure 20.13 indicate that the critical thickness, LC, depends on the total Ga
composition in h-GaBN alloys, as expected. The w-GaN (002) peak intensity
increases with LC following a power law dependence with an exponent n being
very close to 2, which is probably related to the fact that h-GaBN films are 2D in
nature. The results suggest that the formation of w-GaN polycrystalline structures
inside h-GaBN occurs when d is larger than LC.
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Phase separation in ternary alloys AxB1−xC is generally due to the internal elastic
strain, caused by the lattice constant mismatch between two binary constituents AC
and BC and the underlying epilayer template [83, 84]. The origin of phase separation
observed in h-GaBN alloys differs from a ternary alloy of the same crystalline
structure such as InGaN alloys. The calculation results shown in figure 20.8
predicted a phase transition from hexagonal to zinc blende structure in GaBN
alloys when the Ga composition is greater than 7%. However, the experimental
results shown in figures 20.11 and 20.12 indicate that a phase separation between
hexagonal and wurtzite structures occurs at a critical layer thickness (LC). Initially,
the stable phase of BN in our growth condition is hexagonal, while that of GaN is
wurtzite. This implies that a phase separation will occur when the Ga composition is
above a critical value. Therefore, it is not a surprise to observe a phase separation in
h-GaBN alloys. What is interesting, however, is the observation of the critical
thickness in this layer-structured alloy system. It is well known that the interlayer
interaction is very weak in 2D materials. However, the results shown in figures 20.11
and 20.12 indicate that interlayer interaction is strong enough to give rise to a critical
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thickness in h-GaBN alloys, beyond which phase separation is to set in. The critical
thickness (LC) of a lattice mismatched heterostructure can be calculated based on the
strain energy [84, 85] and can be further simplified to the following relation [86]:

≅L
a
f

(nm) 0.1 , (20.5)C
s

where as is the lattice constant of the underlying template (h-BN) and f is the misfit
between the subsequent epilayer (h-GaxB1−xN layer) and the underlying template
layer, which is defined by

= − =f
a a
a

b
a
x. (20.6)e s

s s

Here, ae denotes the lattice constant of the h-GaxB1−xN layer, which is proportional to
the Ga composition, x. From equations (20.5) and (20.6) a simple linear relationship
between the critical thickness LC and Ga composition x in h-GaxB1−xN alloys can be
obtained as follows:

=L A
x

(nm)
1
, (20.7)C

where A is a proportionality constant. The average Ga compositions in GaxB1−xN
alloys were determined by XPS measurements [54]. For instance, the measured
average B, N, and Ga compositions in the sample with d = 10 nm grown under
RTMG = 20 sccm were 46.5%, 50.1%, and 3.4%, respectively, corresponding to a
h-GaxB1−xN alloy with x = 0.068. For the sample with d = 6.0 nm grown under
RTMG = 5 sccm, the average Ga composition in the h-GaxB1−xN alloys deduced
from the XPS measurements was x = 0.034. The experimentally measured LC for
these two samples with different Ga composition x are plotted in figure 20.13(c).
Fitting of LC versus 1/x with equation (20.7) by including the point at the origin
provides a fitting parameter A = 0.19. It is interesting to note that the simplified
relationship of equation (20.7), which was developed for 3D materials, appears to
adequately describe the critical thickness phenomenon in layered heterostructures.
Based on the theoretical calculation results shown in figure 20.8 [75, 76] and

experimental results for thick (20 nm) h-GaxB1−xN alloys shown in figure 20.9 [53],
the expected maximum Ga composition in single phase hexagonal h-GaxB1−xN
alloys is about 7.2%. However, the results shown in figure 20.13(c) means that it is
possible to increase the Ga composition in h-GaBN alloys without phase separation
by further reducing the h-GaBN layer thickness. For instance, if we consider the
extreme case of LC = 1 monolayer = 0.33 nm, the results shown in figure 20.13(c)
imply that it is possible to synthesize h-GaxB1−xN films with a Ga composition as
high as x = 0.55 without phase separation. These results therefore provide the first
order baseline to guide the further development of layered h-GaBN/BN hetero-
structure and QWs.
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20.4 Epitaxy growth and properties of h-(BN)C semiconductor alloys
The h-BNC alloy system appears to possess the advantages of identical crystalline
structure (hexagonal) and excellent matches in lattice constants (with an in-plane
a-lattice constant mismatch of only about 1.5% between graphite and h-BN),
thermal expansion coefficients, and melting points throughout the entire alloy range
and potentially offers the possibility of synthesizing homogeneous h-BNC alloys in a
wide range of compositions. However, it has been proven theoretically [87, 88] and
experimentally [89–91] that synthesizing homogeneous h-BNC alloys is very
challenging due to the strong inter-atomic bonds between B–N and C–C and the
large difference in the bond energies, with respective bond energies of 4.0 eV (B–N)
and 3.71 eV (C–C) compared with values of 2.83 eV for the C–N bond and 2.59 eV
for the C–B bond [92, 93]. Consequently, atomic arrangements with C–C and B–N
bonds are energetically favored over the ones with B–B and N–N bonds, leading to
phase separation in h-BNC alloys [87, 88]. In general, the expression of (BN)1−x(C2)x
for these alloys is used because C atoms tend to incorporate as C–C (C2) pairs [92].
Atomic layers consisting of hybridized, randomly distributed domains of h-BN and
C phases with compositions ranging from pure BN to pure graphene have been
synthesized by various growth techniques [89–91], making the distributions of atoms
in these alloy materials far from perfectly random.
Phase stability for a monolayer h-BNC alloy system was examined using Monte

Carlo simulations and the cluster expansion technique based on first-principles
calculations to serve as a foundation for understanding the phase stability of
h-(BN)x(C2)1−x alloys [87]. The simulation results revealed several key finds [87]:
(i) no stable intermediate phase exists between monolayer BN and graphene through
construction of a ground-state diagram—the formation energies for all the possible
atomic arrangements are positive; (ii) the atomic arrangements strongly favor
neighboring B–N and C–C bonds and disfavor B–C and C–N atoms; (iii) no B–B
and N–N atoms exist for these atomic arrangements; (iv) complete miscibility
requires a very high growth temperature and the critical temperature for complete
miscibility is around Tc = 4500 K; (v) random alloys can only exist for extremely
small carbon or BN compositions; and (vi) lattice vibration enhances the solubility
limits in (BN)-rich and C-rich h-(BN)x(C2)1−x alloys and also reduces the critical
temperature of complete miscibility from Tc = 4500 K to Tc = 3500 K.
As with any new semiconductor material in the development stage, the ability to

synthesize large wafers of homogenous alloys (instead of domains) is essential for the
realization of technologically significant device applications. There was, however,
experimental evidence for obtaining homogeneous h-(BN)x(C2)1−x alloys with
x = 0.5 (BNC2) [93, 94]. These BC2N thin films were prepared using CVD with
acetonitrile and boron trichloride and helium gas as a carrier gas to ensure forward
flow of the reactants and deposited thin films on the cleaved surfaces of h-BN
substrates at a substrate temperature of about ∼850 °C [94]. The bandgap was
examined using scanning tunneling microscopy (STM) and PL emission spectro-
scopy and the results are shown in figure 20.14. The results of the current–voltage
(I–V) using STM measurements are shown in figure 20.14(a). The differential
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conductivity, dI/dV shown in figure 20.14(b), deduced from the I–V characteristics
provides a measurement of the surface density of states. A dI/dV above 0 V
corresponds to the conduction band and that below 0 V corresponds to the valence
band. From figure 20.14(b), the bandgap of h-BC2N thin films was estimated to be
about 2 eV [94]. A typical low temperature (4.2 K) PL spectrum of these h-BC2N
thin films is shown in figure 20.14(c). The PL emission spectra exhibit peak energies
at 600 nm at room temperature and 580 nm at 4.2 K, corresponding to 2.07 and
2.14 eV, respectively. These values agree well with the bandgap energy of 2 eV
estimated using STM [94]. The observation of the PL emission peak corresponding
well to the measured bandgap implies that that BNC2 is a direct bandgap
semiconductor with an estimated bandgap energy Eg = 2.0 eV [94].
More recently, thin films of homogeneous h-(BN)1−x(C2)x alloys in both the

BN-rich and C-rich sides have been synthesized using MOCVD by utilizing h-BN as
a template [58–61]. Experimental results suggest that the critical carbon concen-
tration (xc) to form the homogeneous h-(BN)1−x(C2)x alloys in the BN-rich is about
3.2% and on the C-rich side is ~95% at a growth temperature of 1300 °C [58–60].
Furthermore, an enhancement of approximately 15 orders of magnitude in the
electrical conductivity has been attained by increasing the carbon concentration (x)
from 0 (h-BN) to 1 (graphite) [58–61]. These recent results are summarized in the
sub-sections below.

20.4.1 BN-rich h-(BN)1−x(C2)x alloys

Epitaxial layers of h-(BN)1−x(C2)x alloys of about 60 nm in thickness were
synthesized on sapphire (0001) substrates at 1300 °C using MOCVD. Prior to the
growth of h-(BN)1−x(C2)x alloy, a 5 nm thick h-BN epilayer was first deposited on
sapphire to serve as a template for the subsequent growth of the h-(BN)1−x(C2)x
alloy. Triethylboron (TEB), ammonia (NH3), and propane (C3H8) were used as the
B, N, and C precursors, respectively, and hydrogen was used as a carrier gas. The
carbon concentration was controlled by the C3H8 flow rates [58]. A pulsed MOCVD

(a) (b) (c)

Figure 20.14. (a) Spectroscopic data obtained using STM for the cleaved surface of an h-(BN)1−x(C2)x alloy
sample with x = 0.5 (BC2N) and an Re tip. Each curve is acquired at constant tip–sample separation, which
was controlled by tunneling currents of 0.1, 0.3, 0.5, 0.7, and 1.0 nA with a sample voltage of 2 V. (b)
Normalized differential conductivity against sample bias voltage. (c) Photoluminescence spectrum taken from
BC2N thin film at a low temperature (4.2 K). Reproduced with permission from [94]. Copyright 1996 the
American Physical Society.
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epitaxial growth process was employed to grow the h-(BN)1−x(C2)x alloys [61]. Both
TEB and C3H8 were transported together into the reactor and NH3 was supplied
separately with respective flow rates of 0.06 sccm and 3.0 standard liters per minute
(SLM). Samples were grown under N-rich conditions, ensuring a very high V–III ratio.
C3H8 flow rates were increased in small steps to obtain h-(BN)1−x(C2)x alloys with
different carbon concentrations (x). The XRD θ–2θ scan patterns of h-(BN)1−x(C2)x
samples have a similar spectral shape as those of the h-BN templates shown in
figure 20.15(a). Figure 20.15(b) shows optical micrographs of a 5 mm × 5 mm area
of h-(BN)1−x(C2)x epilayers with different carbon concentrations. XPS measurements
were employed to determine the carbon concentrations. Figure 20.15(c) shows the XPS
spectra of B 1s, N 1s, and C 1s core levels for two representative h-(BN)1−x(C2)x alloy
samples with x = 0.032 and x = 0.06 [58]. Based on the bandgap value of h-BN (∼6 eV)
and the small values of x (x = 0 to 0.21), these h-(BN)1−x(C2)x epilayers should be
transparent in the visible spectral range. However, only samples with x = 0, 0.017, and
0.032 are transparent. Samples with x = 0.06, 0.10, 0.14, and 0.21 appear dark and the
darkness increases with an increase of x. We believe that this is due to the formation of
C clusters in these alloys. The results shown in figure 20.15(b) seem to suggest that the
critical C concentration, xc, for homogeneous alloy formation or the solid solubility
limit of C in h-BN is around 0.032 at a growth temperature of 1300 °C.
UV–visible optical absorption spectroscopy was employed to measure the

bandgap variation with C incorporation. We have observed that the optical
absorption edge of h-(BN)1−x(C2)x epilayers decreases with an increase of the C
concentration, as expected. The absorption coefficients (α) were obtained from the
absorption spectrum. The energy bandgap Eg values were estimated from the Tauc
plot of the absorption coefficients [95]. Figure 20.16(a) plots α2 as a function of the
excitation photon energy for h-(BN)1−x(C2)x epilayers with x = 0.0, 0.017, 0.032,
0.06, 0.10, 0.14, and 0.21. Eg values were obtained from the intersections between

(a) (b) (c)

Figure 20.15. (a) An XRD θ–2θ scan around the h-BN (0002) diffraction peak of an h-BN epilayer deposited
on sapphire substrate. (b) Optical micrographs (5 mm × 5 mm) of a set of h-BN-rich h-(BN)1−x(C2)x epilayers
with different C concentrations deposited on sapphire substrate at the same temperature as the h-BN epilayer
in (a). (c) XPS spectra of the B 1s, N 1s, and C 1s core levels for the h-(BN)1−x(C2)x epilayers with x = 0.032
and 0.06. Reproduced with permission from [58]. Copyright 2014 AIP Publishing.
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the straight lines and the horizontal axis to be 5.80, 5.70, 5.65, 5.60, 5.55, 5.47, and
5.30 eV for samples with x = 0.0, 0.017, 0.032, 0.06, 0.10, 0.14, and 0.21,
respectively. The optical absorption edge appears to be strongly affected by the
excitonic effects because the actual bandgap of h-BN is near 6.4 eV. Figure 20.16(b)
plots the measured excitonic bandgap Eg versus x for h-(BN)1−x(C2)x epilayers that
include the bandgap energies of h-BN (x = 0), graphite, and h(BNC2) from
figure 20.14 [94]. The dashed curve represents a fitting using the general equation
for describing the bandgaps of semiconductor ternary alloys,

‐ = − ‐ + − −−E h x E h xE b x x[ (BN) (C ) ] (1 ) ( BN) (C) (1 ) , (20.8)x xg 1 2 g g

where x is the C composition in the h-(BN)1−x(C2)x alloys and b is the bowing
parameter. Eg(C) = 0 is the energy bandgap of graphite. The fitted bowing
parameter is b = 3.6 eV. The green filled circles are the measured C concentrations
obtained from XPS and the corresponding Eg values obtained from the optical
absorption spectra. The results show that the data for samples with x = 0.017 and
0.032 fit well with equation (20.8), suggesting the formation of homogeneous alloys.
Samples with x = 0.06, 0.10, 0.14, and 0.21 deviate significantly from equation

(20.8). This is a result phase separation occurring in samples with x > xc (≈0.032).
In the phase separated materials, the XPS measures the total carbon concentrations,
while the carbon concentration deduced from the bandgap variation of equation
(20.8) represents the carbon concentration in the homogeneous h-(BN)1−x(C2)x alloy
phase. Therefore, the deviation from equation (20.8) is a measure of the excess C
concentration in the phase separated C clusters (graphite phase). In other words,

(a) (b)

Figure 20.16. (a) Tauc plots of absorption coefficients of h-BN-rich h-(BN)1−x(C2)x epilayers with different C
compositions. (b) Energy bandgap Eg versus C composition in h-(BN)1−x(C2)x alloys. Green circles are the
measured data of Eg obtained from the optical absorption spectra shown in (a) and the total C concentrations
from XPS. The dashed curve is the plot of equation (20.8), Eg[h-(BN)1−x(C2)x] = (1 − x)Eg(h-BN) + xEg(C) −
b(1 − x)x, where Eg (graphite) = 0 eV and Eg (BNC2) = 2.0 eV [94] were used, providing a fitted value of
b = 3.6 eV. Blue squares are the data points extrapolated from equation (20.8) representing the C
concentrations in the homogeneous h-(BN)1−x(C2)x alloys (y), which is lower than the total C concentration
in the samples (x). ΔC (= x − y) denotes the amount of excess C concentration in h-(BN)1−x(C2)x alloys with
x > xc (≈ 0.032) which ends up in the separated C phase. Reproduced with permission from [58]. Copyright
2014 AIP Publishing.
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h-(BN)1−x(C2)x alloys with x > xc (≈0.032) contain separated carbon domain.
The actual carbon concentrations (y) in the homogeneous alloys is less than the total
carbon concentration determined using XPS (x). The carbon (C) concentrations in
the homogeneous alloy phase (y) are plotted as blue filled squares in figure 20.16(b),
which are deduced from Eg measured by the optical absorption spectroscopy
coupled with the use of equation (20.8). The C concentration difference between x
and y is denoted as ΔC = x − y (indicated in figure 20.16 (b)), which measures the
excess carbon concentrations in the separated carbon phases (or graphite phase) in
samples with x = 0.06, 0.10, 0.14, and 0.21. However, at x > xc the phases of h-BN,
graphite, and h-(BN)1−y(C2)y alloys with y < x co-exist.

20.4.2 C-rich h-(BN)1−x(C2)x alloys

Epitaxial layers of h-(BN)1−x(C2)x alloys (x ~ 0.92 to 0.95) of about 100 nm in
thickness, shown schematically in figure 20.17(a), were also synthesized on h-BN/c-
plane sapphire templates [59, 61]. Triethylboron (TEB), ammonia (NH3), and
propane (C3H8) were used as the B, N, and C precursors, respectively. Samples
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Figure 20.17. (a) Schematic of c-rich h-(BN)1−x(C2)x epilayers. (b) Optical micrograph of a h-(BN)1−x(C2)x
alloy sample with x = 0.95. (c) XRD θ–2θ scans of C-rich h-(BN)1−x(C2)x epilayers grown on c-plane sapphire
substrates under 1, 2, and 3 sccm NH3 flow rates (after [59]).
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were grown using nitrogen as a carrier gas at 1300 °C. The carbon compositions
were controlled during MOCVD by varying the NH3 flow rate and verified by XPS
measurements, which revealed that x (the C mole fraction) decreases almost linearly
with an increase in the NH3 flow rate (sccm). This is due to the increase in BN
fraction in the h-(BN)1−x(C2)x epilayers with an increase in N (NH3 flow rate).
Figure 20.17(b) shows the optical micrograph of an h-(BN)1−x(C2)x alloy sample
with x = 0.95. Based on the bandgap value of graphite (zero gap), h-(BN)1−x(C2)x
epilayers with large values of x should appear black under the visible light.
Figure 20.17(c) shows XRD θ–2θ scans of h-(BN)1−x(C2)x samples with x ~
95.0%, 93.3%, and 91.5%, revealing a lattice constant of c = 6.73 Å for all samples,
which closely matches a value of c = 6.70 Å for graphite [96]. No other diffraction
peaks were observed, which confirms the hexagonal crystalline structure of the
(BN)1−x(C2)x epilayers grown using MOCVD. The slight increase in the c lattice
constant over graphite is due to the fact that these films were grown on a h-BN
template and experience a ‘compressive’-like strain in the c-plane.
Raman spectroscopy measurements were employed to probe the phase separation

effect in C-rich h-(BN)1−x(C2)x alloys. Raman spectra of pure h-BN, graphite, and
selected h-(BN)C samples are shown in figure 20.18(a). The graphite spectrum
exhibits the typical characteristic graphitic E2g(G) vibration peak at 1588 cm

−1 and
the defect induced D peak at 1345 cm−1 [97]. The spectra of the h-(BN)1−x(C2)x
epilayers with x < 0.95 show that the G peak and the D peak are at the same
positions as those in graphite. This implies that the compositions in these h-(BN)C
epilayers are phase separated with separate C–C domains. Moreover, the intensity
and peak line widths of the E2g modes of these samples are also like those of
graphite. In contrast, the Raman spectrum of the h-(BN)1−x(C2)x alloy with x = 0.95
(black solid line) shows that the G peak shifted to 1576 cm−1 towards the
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Figure 20.18. (a) Raman spectra of h-BN (x = 0), graphite (x = 1), and selected C-rich h-(BN)1−x(C2)x
epilayers grown at different NH3 flow rates. The G peak at 1576 cm−1 of the h-(BN)1−x(C2)x alloy with
x = 0.95 (1 sccm NH3 flow rate) shifts towards the sp

2 bonded h-BN vibrational peak (1370 cm−1), which is a
signature of the formation of homogeneous h-(BN)C alloy. (b) E2g vibration peak position versus x in C-rich
h-(BN)1−x(C2)x showing peak positions for h-BN, graphite, and h-(BN)1−x(C2)x alloy with x = 0.95. The
dashed line is a guide for the eyes (after [59]).
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characteristic of a pure h-BN peak (1370 cm−1). Figure 20.18(b) plots the measured
E2g peak position versus x in h-(BN)1−x(C2)x alloys using the measured values of
h-BN, graphite, and h-(BN)1−x(C2)x (x = 0.95). Typically, the formation of
homogeneous alloys leads to a shift in the Raman spectral peak that varies linearly
according to the peak positions of the constituent atoms or binary compounds [98].
For homogeneous C-rich h-(BN)1−x(C2)x alloys, the Raman peak position is
expected to shift towards lower frequency with a decrease of x. The observed
Raman peak shift for h-(BN)1−x(C2)x alloy with x = 0.95 suggests that homogeneous
C-rich h-(BN)1−x(C2)x alloys with x ⩾ 0.95 have been successfully synthesized.
It is interesting to note that a slight deviation from the ideal (1:1) stoichiometry

ratio between B and N could have a strong influence on the conductivity type of
C-rich h-(BN)1−x(C2)x [59]. This is because h-(BN)1−x(C2)x alloys are formed by
incorporating group-III (B) and group-V (N) atoms into the group-IV (C) lattice, in
which B and N may also serve as dopants. N could replace C to give rise to n-type
conductivity and B could replace C to give rise to p-type conductivity. Figure 20.19(a)
shows the room temperature Hall-mobility and carrier concentration of h-(BN)C
epilayers as functions of the NH3 flow rate employed during the MOCVD growth,
which clearly revealed that the carrier type is p-type for samples synthesized under
NH3 flow rates below 2.1 sccm and is n-type for the samples synthesized under NH3
flow rates above 2.1 sccm. The results thus indicate that when h-(BN)C alloys are
synthesized under NH3 flow rates below 2.1 sccm, there are fewer N atoms than B
atoms in the materials, leading to a p-type conductivity. Supplying more N atoms to
the reaction zone by increasing the NH3 flow rate to above 2.1 sccm produces n-type
materials because there are more N atoms than B atoms. This speculation is further
verified by the XPS measurement results which revealed that samples synthesized
under 1 and 2 sccm NH3 flow rates have a lower N concentration than B, while the
sample synthesized under a 3 sccm NH3 flow rate has a higher N concentration than B
[59, 61]. At NH3 = 2.1 sccm, C-rich h-(BN)1−x(C2)x alloys have a 1:1 stoichiometry
ratio between B atoms and N atoms, [B] = [N], a transition from p- to n-type
conductivity occurs [59, 61].
The measured background carrier concentrations at room temperature for both

p- and n-type C-rich h-(BN)1−x(C2)x epilayers are relatively high (~1.5 × 1020 cm−3)
[59]. This is mostly due to the fact that the energy bandgaps of C-rich h-(BN)C alloys
are small and the energy level of the N donors (B acceptors) in C-rich h-(BN)C alloys
is expected to be very shallow or possibly even lie within the conduction (valence
band). The measured electron and hole mobilities (μe or μh) and concentrations (n or
p) are quite comparable and their dependence on the NH3 flow rate are almost
symmetric around NH3 = 2.1 sccm. The results suggest that the effective masses of
electrons and holes in C-rich h-(BN)1−x(C2)x alloys must be comparable, similar to the
case of single sheet h-BN [34, 99]. In these alloys, the carrier mobility depends only on
the carrier concentration near room temperature, whereas the room temperature
mobility for both p- and n-type h-(BN)1−x(C2)x epilayers is ~15 cm

2 V−1 s−1.
With the expectation of small bandgaps for C-rich h-(BN)1−x(C2)x alloys, variable

temperature van der Pauw Hall-effect measurements were attempted to extract the
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bandgap from the intrinsic carrier conduction regime [59]. Figure 20.19(b) shows the
temperature dependence of the free hole concentration (p) for the h-(BN)1−x(C2)x
sample with x = 0.95 in the temperature range of 175–800 K. The dependence of the
carrier concentration on temperature follows that of a very typical narrow bandgap
semiconductor with two distinct regimes [100]. In the medium or low temperature
region, nearly all acceptors are ionized, and the carrier concentration is nearly
saturated and is independent of the temperature. In the high temperature region, the
carrier concentration is predominantly intrinsic. The crossover from the saturation
to the intrinsic conduction regime occurs around 350 K. The inset of figure 20.19(b)
shows the Arrhenius plot of the carrier concentration in the intrinsic conduction

(c)(a)

 

0.8 1.2 1.6 2.0 2.4 2.8
–20

–10

0

10

20

NH3 flow rate (sccm) x in  h-(BN)1-x(C2)x

x in  h-(BN)1-x(C2)x

Graphite

–4x1020

1012

109

106

103

ρ 
(o

hm
-c

m
)

100

10–3

–3x1020

–2x1020

–1x1020

0
1x1020

2x1020

3x1020

n, p

�

p-type

n-type

(b)

 

0 1 2 3 4 5 6 7
46.0

46.5

47.0

47.5

48.0

48.5

1.0 1.5 2.0 2.5 3.0
46.6

46.8

47.0

47.2

47.4

47.6

47.8
 Experimental data
 Linear fit

Eg = 93 meV

ln
(p

)

Saturation
regime

Intrinsic
regime

ln
(p

)

(d)

 

4x1020 0.20

0.16

0.12

0.08

0.04

0.00

0.90 0.92

0.0 0.2 0.4 0.6 0.8 1.0

0.94 0.96 0.98 1.00

n,
 p

 (c
m

–3
)

Eg
 (e

V
)

μ 
(c

m
2 /V

.s)

Eg = 93 meV

h-BN

103/T (K–1)

h-(BN)1-x(C2)x
x = 0.95

103/T (K–1)

Figure 20.19. (a) Mobility and carrier concentration of C-rich h-(BN)1−x(C2)x epilayers grown under different
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h-(BN)1−x(C2)x epilayers with different C concentrations, including h-BN and graphite (after [58] and [59]).
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regime, in which the hole concentration (p) and energy gap (Eg) can be expressed in
terms of temperature as

∝ −p
E

k T
exp

2
, (20.9)g

b

⎛
⎝⎜

⎞
⎠⎟

where kb is the Boltzmann constant. The fitted value of Eg obtained for the
h-(BN)1−x(C2)x alloy (x = 0.95) is ~93 meV.
The bandgap value of ~93 meV obtained from the temperature dependent carrier

concentration in the intrinsic conduction region shown in figure 20.19(b) can be
further verified by comparing it with the expected value. The expected bandgap
variation of homogeneous h-(BN)1−x(C2)x alloys with x follows the relationship
described by equation (20.7) and is plotted in figure 20.19(c) for the C-rich side,
where values of Eg(h-BN) = 6.4 eV, Eg(C) = 0 eV, and the bowing parameter
b = 4.8 eV were used. Based on equation (20.7) and figure 20.19(c), a bandgap value
of Eg = 91 meV is deduced for the h-(BN)1−x(C2)x alloy (x = 0.95), which agrees
almost perfectly with the value of ~93 meV obtained from the temperature
dependent carrier concentration presented in the inset of figure 20.19(b) [59]. This
excellent agreement between the measured and expected bandgap values provides
strong evidence that homogeneous h-(BN)1−x(C2)x alloys with x ⩾ 0.95 have been
successfully synthesized using MOCVD at a growth temperature of 1300 °C,
corroborating well with the conclusion drawn from Raman spectroscopy data
shown in figure 20.18.
The temperature dependent free carrier concentration in h-(BN)1−x(C2)x epilayers

with x < 0.95 has also been measured. The measured thermal activation energies for
h-(BN)1−x(C2)x epilayers with x < 0.95 are plotted in the inset of figure 20.19(c) and
vary from ~32 meV to ~45 meV. These values significantly deviate from the Eg
versus x plot shown in figure 20.19(c), which implies that the carrier conduction is no
longer intrinsic and that phase separation and formation of separate C–C and B–N
domains occurred in the h-(BN)1−x(C2)x epilayers with x < 0.95.
Another unique features of the h-(BN)1−x(C2)x alloy system is that it offers the

conductivity variation from highly insulating semiconductor (undoped h-BN) to
semi-metal (graphite). Figure 20.19(d) shows the measured 300 K electrical
resistivity for samples with different carbon concentrations. Both van der Pauw
and I–V characteristic measurements were performed to compare the relative
electrical resistivities of h-(BN)1−x(C2)x epilayers with varying C concentrations.
The results shown in figure 20.19(b) has demonstrated that the electrical resistivity
decreases by approximately 15 orders of magnitude when x increases from 0 to 1
[61]. Since graphite is a semi-metal and undoped h-BN is highly insulating, it is
expected that when these two systems combine to form h-(BN)1−x(C2)x alloys, a
large range of electrical conductivity control can be achieved and the electrical
conductivity increases with an increase in the C composition. In the phase separated
materials, the formation of C clusters further increases the electrical conductivity.
A more recent theoretical study using first-principles ab initio calculations

combined with a rigorous statistical approach based on cluster expansion was
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performed to study the effects of disorder, phase segregation, and composition
fluctuations on (BN)1−x(C2)x monolayer alloy properties [88]. The calculations
combined with the generalized quasichemical approximation to account for disorder
effects have further confirmed that atomic arrangements with C–C and B–N bonds
are energetically favored over the ones with B–B and N–N bonds [88], which further
confirmed the simulation results by Yuge [87]. It was found that the most energeti-
cally favorable configurations are the atomic arrangements BNBNBNBN,
CCBNBNBNBN, CCCCBNBN, CCCCCCBN, and CCCCCCCC. The calculated
T–x phase diagram shown in figure 20.20(a) revealed a huge critical temperature
Tc = 5200 K, which is comparable to the result of Tc = 4500 K calculated using
Monte Carlo simulations, neglecting the lattice vibrations [87]. The calculation
results indicated that significant contributions from clusters with B–B and N–N
bonds may also occur only at growth temperatures close to the critical temperature.
The phase diagram in figure 20.20(a) shows that for normal growth temperatures
employed in CVD or MOCVD (∼1000 °C) random alloys can only exist for
extremely small C composition in the h-BN-rich side or small h-BN composition in
the C-rich side and that carbon-rich alloys are more thermodynamically favored
than h-BN-rich ones. More specifically, for the growth temperature employed in
obtaining h-(BN)1−x(C2)x alloys shown in figures 20.15–20.19 of 1300 °C (or
T = 1573 K), the calculation results predicted a very small carbon solubility in
h-BN with a critical carbon composition at xc = 0.028 and a h-BN solubility in
graphene with a critical carbon composition at xc = 0.958. These predication results

MOCVD growth temperature
1570 K

 
 

xC ~ 0.03 xC ~ 0.95  

(a)

 

(b)

 h-(BN)1-x(C2)x h-(BN)1-x(C2)x

6000

5000

4000

3000

2000

Te
m

pe
ra

tu
re

 (
K

)

E
ne

rg
y 

ga
p 

(e
V

)

1000

0
0.0 0.2 0.4 0.6 0.8 1.0

Composition x
0.0 0.2 0.4 0.6 0.8 1.0

Composition x

1

2

3

7

6

5

4

3

2

1

0

EGGA
g,j

EHSE06
g,j

Figure 20.20. (a) The T–x phase diagram of h-(BN)1−x(C2)x. The bimodal (spinodal) curve is represented by
the full (dashed) line. The stable, metastable, and unstable regions in the T–x diagram are labeled by 1, 2, and
3, respectively. The horizontal line indicates the typical growth temperature employed in MOCVD or CVD
growth and the vertical green shaded areas indicate the composition regions where the synthesis of
homogeneous h-(BN)1−x(C2)x alloys has been realized at 1300 °C [58–60]. (b) The energy bandgap as a
function of the composition for h-(BN)1−x(C2)x alloys obtained with the GGA functional (dotted black curve)
and within the HSE06 approach with and without phase decomposition effects (dashed and solid blue lines,
respectively). The vertical gray shades indicate the x compositions where the alloy is stable and the horizontal
ones correspond to the energy gap tune range at the stable composition conditions. The black and light blue
diamonds represent the energy bandgap obtained by GGA and HSE06 calculations for the nine most
statistically relevant configurations with the lowest excess energies. The experimental data of [58] and [59]
(figure 20.16 (b) and 20.19(c)) are represented by red circles and those of [90] are represented by red squares
[90]. Reproduced with permission from [88]. Copyright 2017 the American Physical Society.
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are in excellent agreement with the experimentally observed values of xc = 0.032 on
the h-BN-rich side shown in figures 20.15 and 20.16 and xc = 0.95 observed on the
C-rich side shown in figures 20.18 and 20.19 [58–61].
The same authors have also estimated the structural, electronic, and optical

properties within the generalized quasichemical approximation (GQCA) formalism
considering a typical growth temperature of T = 1600 K [88]. The simulation results
verified that the lattice parameters of the h-(BN)1−x(C2)x alloys follow Vegard’s law,
a(x) = aBN(1 − x) + aCx, aC = 2.47 Å, and aBN = 2.51 Å and that there is no
appreciable layer buckling [88].
Figure 20.20(b) shows the simulated energy bandgap as a function of the carbon

composition (x) for h-(BN)1−x(C2)x alloys obtained using the generalized gradient
approximation (GGA) functional approach as well as the Heyd, Scuseria, and
Ernzerhof (HSE06) hybrid functional approach [101] with and without phase
decomposition effects, by restricting the electronic structure calculations using the
hybrid functional HSE06 to nine most statistically relevant configurations with the
lowest excess energies [88]. By assuming that the growth conditions are controlled so
that domain sizes are comparable with the considered clusters, including only the
composition fluctuation effect, the simulated energy bandgap using the HSE06
approach was shown to vary between Eg(h-BN) = 6.06 eV and Eg(C) = 0 eV,
following equation (20.7). However, the authors introduced a carbon composition
dependent bowing parameter, b(x). The calculated bowing parameter is b(x) = (5.6 −
4.9x) eV [88], which agrees reasonably well with experimental measured values of
3.6 eV in the h-BN-rich side shown in figure 20.16(b) [58] and 4.8 eV in the C-rich
side shown in figure 20.19(c) [59].

20.5 Concluding remarks
Phase separation appears to be a critical issue towards the development of h-BN
based alloys. Phase separation is a long outstanding issue for InGaN alloys and
remains to be solved. Although not much information is available on the phase
separation issue in h-GaxB1−xN and h-(BN)1−x(C2)x alloys, the differences between
InGaN, h-GaxB1−xN, and h-(BN)1−x(C2)x alloys in terms of phase separation can be
briefly summarized as below. Phase separation in InGaN alloys is mainly caused by
the difference in the in-plane a-lattice constants between InN (a = 0.3544 nm) and
GaN (a = 0.3189 nm), whereas the difference in bond energies between B–N
(4.0 eV), C–C (3.71 eV), C–N (2.83 eV), and C–B (2.59 eV) is the main cause of the
phase separation in h-(BN)1−x(C2)x alloys. On the other hand, phase separation
occurs in h-GaBN because the stable crystal phases of BN and GaN are hexagonal
and wurtzite, respectively.
In addition to the lattice constant mismatch between InN and GaN, the growth

temperature mismatch between InN and GaN makes the phase separation issue in
InGaN even more difficult to overcome [103]. Theoretically, increasing the growth
temperature will reduce the miscibility gap [83, 84, 87, 88], but InN decomposes at
high temperatures (T > 700 °C). While the crystalline quality of InGaN alloys can be
improved by employing a low growth rate in the low In-content regime [102], growth
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conditions farther away from the thermodynamic equilibrium (such as high growth
rates) are helpful to promote the formation of single phase InGaN alloys in the
theoretically predicted miscibility gap region (the middle range of the alloy
composition) [103].
Phase separation is also a significant challenge to the synthesis of homogeneous

h-BN based alloys. However, by combining the results of (BN)-rich h-(BN)1−x(C2)x
and C-rich h-(BN)1−x(C2)x alloys [58–61], we can conclude that h-(BN)1−x(C2)x
epilayers with 0.032 < x < 0.95 are most likely phase separated at a growth
temperature of 1300 °C. Recent theoretical calculations performed on monolayer
h-(BN)1−x(C2)x suggests a low solubility of C in BN and BN in graphene at a growth
temperature of 1300 °C [87, 88] and shows that the miscibility gap decreases with an
increase in the growth temperature [87, 88]. The same trend is expected for h-GaBN
and h(BN)1−x(C2)x alloys. The phase diagram for h-(BN)1−x(C2)x alloys shown in
figure 20.20(a) reconstructed from combining the experimental [58, 59] and
calculation [88] results can serve as a guideline for the further development of
homogeneous h-(BN)1−x(C2)x alloys. Due to the excellent matches in lattice
constants, thermal expansion coefficients, and melting temperatures throughout
the entire alloys, it is expected that the alloy miscibility gap in h(BN)1−x(C2)x alloys
can be reduced or completely removed by increasing the growth temperature. This
could be a huge advantage over InGaN in which InN decomposes at high temper-
atures and a high growth temperature cannot be utilized to close the miscibility gap.
It is also expected that the crystalline quality of h-BN based alloys will be improved
at higher growth temperatures. However, theoretical insights concerning possible
approaches to overcome the phase separation in h-GaxB1−xN and h-(BN)1−x(C2)x
alloys and the composition dependent electronic properties of epitaxial films are still
needed to guide material synthesis.
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